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ABSTRACT: In this work, the relationship between molecular mobility of polyamide 6,6 amorphous phase and mechanical properties
is studied. PA66 formulations having different glass transition temperatures (T,) obtained by additivation, chemical modification of
the polyamide chains, and/or water conditioning at different hygrometry levels, are considered. The main emphasis is put on the
impact strength, as measured by instrumented Charpy impact tests over a broad temperature range. It is observed that the brittle-
tough transition temperature Ty is closely correlated with the T, of the samples rather than to the f§ secondary relaxation. © 2016
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INTRODUCTION

Polyamides are semicrystalline polymers possessing a crystalline,
solvent-tight phase and an amorphous phase, wherein solvent
diffusion and sorption primarily occur. Since the crystalline
ratio of polyamides is relatively low (between 35 and 40 wt %
typically),' the properties of the amorphous phase may have a
major influence on the overall behavior of these polymers.
Polyamides possess a physical network of amide—amide hydro-
gen (H) bonds in both the amorphous and the crystalline
phases. The existence of this network, especially in the amor-
phous phase, gives polyamides good mechanical and thermal
properties.”™®

It has been observed in the literature®™* that the crystalline

phase, specifically the crystalline ratio,”'® the size of the crystal-
lites,'" and the crystalline phase structure'? have an effect on
the mechanical properties of polyamides. It has been observed
that the stiffness and the yield stress of PA6,6 increase, and that
tensile strength of PA6,10 increases, when the crystalline ratio
increases.” Also, it was observed that the yield strength of PA6,6
increases as the spherulites size decreases.'' Furthermore, Miri
et al.'* have studied the effect of the crystalline structure on the
tensile properties of PA6. They have observed that the stiffer
samples were those containing the denser o crystalline form, fol-
lowed by those containing the y form and then those containing
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the nonstable f form. The effect of temperature on the tensile
properties of PA6 has been studied by Shan et al'’ It was
observed that the yield stress depends linearly on temperature
far enough below T, while this variation changed on approach-
ing T, The influence of the crystalline structure on tensile
properties, noticeably on the appearance of a double yielding
phenomenon in some occurrences, was emphasized.'’

The brittle-tough transition is an essential notion when dealing
with ultimate mechanical properties of engineering plastics such
as polyamides. The brittle-tough transition temperature Ty
may be defined in various ways. First, it can be defined from
uniaxial stretching experiments, as the temperature at which
failure occurs exactly at the yield stress. Above this temperature,
failure occurs in the viscoplastic regime, beyond the yield stress,
while below Tgy it occurs in the elastic or anelastic regime and
a yield stress cannot be defined. In polymers, as well as other
materials such as metals, the brittle-tough transition tempera-
ture Tp,r is not an intrinsic property of the materials. It
depends on the strain rate, and generally increases as the strain
rate increases, being generally related to the polymer molecular
mobility. The relationship between mechanical properties and
secondary (subglassy) relaxation processes has been studied in a
number of polymers (for review, see ref. 14). It was concluded
that the general concept that secondary relaxation processes
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Figure 1. PA6,6, PAGHIA, and PAGAISLi chemical structures.

corresponding to localized motions within the chain backbone
generally leads to an increase of impact strength, because it
allows increasing considerably the dissipated energy.'> This was
mostly established using fracture propagation tests, in which the
critical stress intensity factor, or fracture toughness (expressed
in MPa m'?), is measured.'®

The impact properties of PA6,6, namely the variation of the
resilience with temperature, were described by Kohan.' It was
observed that, starting form low temperatures, the resilience
increases slightly as temperature approaches the brittle-tough
transition temperature Ty At Ty the resilience rapidly
increases with temperature until a ductile material is obtained.
Moreover, Gaymans et al.'” have studied the effect of water on
the brittle-tough transition temperature Tp,r in Polyamide 6
(PA6) and the relationship of this transition temperature with
the glass transition temperature T,. They observed that the Tt
is shifted toward lower temperatures when water is absorbed in
the samples and that the drop on the Ty induced by water is
similar to that of the glass transition temperature T, Both tran-
sitions thus seem to follow the same trend.

In this article, we shall not put too much emphasis on the abso-
lute values of impact strength (resilience) nor compare quanti-
tatively the values obtained in different samples. Indeed, such a
comparison may depend significantly on the crystalline mor-
phology and on chain length distributions if the various sam-
ples. Rather, we put the emphasis on the temperature variation
of impact properties. The objective is to investigate the possible
relationship between impact strength properties and the poly-
mer mobility in the amorphous phase.

Few studies in the literature deal with the relationship between
molecular mobility and the mechanical properties of polyamides
per se. Indeed, both temperature and/or solvent content modify
the molecular mobility of the amorphous phase of polyamides.
It is then of crucial importance to study and understand the
role of the amorphous phase on the mechanical properties and
how the mechanical properties of PA6,6 are affected by modify-
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ing the molecular mobility. In order to obtain PA6,6 samples
having different molecular mobility states, two ways were con-
sidered herein: modifying PA6,6 by adding additives or co-
monomers; conditioning polyamide samples at different
hygrometry levels, since PA6,6 T, decreases significantly in pres-
ence of water (plasticization effect).!>1831 The yield stress (oy)
and Young’s modulus (E) measured by tensile tests as well as
the brittle-tough transition temperature (Tp,) measured by
Charpy impact tests are assessed for such PA6,6 samples. The
relaxation processes were characterized by dynamical mechanical
analysis (DMA) and broadband dielectric spectroscopy (BDS).
The relationship between impact properties and PA6,6 molecu-
lar mobility is then discussed.

EXPERIMENTAL

Materials and Sample Conditioning

Five PA6,6-based materials, namely two PA6,6-based copoly-
mers, two PA6,6 formulations additivated with alkyl-phenolic
resins and a neat PA6,6 acting as reference, were considered.
The two copolymers PA66/6HIA and PA66/6AISLi, supplied by
Solvay, were obtained by copolycondensing 95 mol % adipic
acid and 5 mol % of either isophthalic acid-based phenol (HIA)
or isophthalic acid-based Lithium salt (6AISLi) with hexamethy-
lene diamine. The resulting copolymers possess aromatic rings
in their backbone structures, which rigidify the polymer. The
structures of PA6HIA and PAG6AISLI monomeric units are
shown in Figure 1. The obtained copolyamides are hereafter
named HIA (PA66/6HIA) and AISLI (PA66/6AISLi).

The nonfilled, nonadditivated Solvay-grade PA6,6 used as refer-
ence (hereafter denoted as REF) has a molecular mass M,, of
about 15 kg mol™" and an index of polydispersity of about 2.
The alkyl-phenolic resins used as additives in PA6,6 formula-
tions (developed by Solvay) were phenyl-laurylaldehyde (LA)
and phenyl-heptanaldehyde (HA) oligomers. Their molecular
structure is shown in Figure 2(a). Their degree of polymeriza-
tion x is of order 8-10.

These additives might be able to bond to PA6,6 amide groups
via the phenol functions. The H-bonds formed between the
phenol of the additives and the amide groups in polymer chains
are supposed to be stronger than those formed between amide
groups, potentially inhibiting part of the absorption sites for
polar solvents, as it was shown by ab initio molecular simula-
tions.”> Moreover, the presence of lateral alkyl chains —R might
induce an increase on the molecular mobility through steric

effects, which would be beneficial for impact strength
a OH additive
4 ~ / H bonds
| ~
/

PA6,6
chain
aliphatic
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Figure 2. (a) Alkyl-phenolic resin chemical structure. (b) Interactions
between PA6,6 and the resins.
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Table I. Water Intake after RH50 and RH100 conditioning for the Studied
formulations

Water intake (% wt)

Sample RH50 RH100
REF 3.0 8.0
10LA 2.7 7.1
10HA 2.6 7.4
HIA 3.1 8.0
AISLI 3.4 11.6

properties. These interactions are schematically represented in
Figure 2(b). The additivated PA6,6 materials were obtained by
compounding 10 wt % of either LA or HA with the REF neat
Solvay-grade PA6,6 using a Leistritz extruder (L/D ratio 33,
throughput 10 kg/h). The obtained additivated formulations are
hereafter denoted 10LA (PA6,6+10 wt % LA) and 10HA
(PA6,6 + 10 wt % heptanalaldehyde). The formulations were
injection-molded into tensile and impact strength specimens
with an Arburg injection press. The dimensions of the tensile
and impact strength specimens were 150 X 10 X 4 mm’ and
80 X 10 X 4 mm?, respectively (ISO-527 and ISO-157 norms).
The specimens were dried for 4 days at 90°C under vacuum
afterwards, the resulting specimens being labeled as “dry” sam-
ples. Some of the dry specimens were then conditioned in a
humid atmosphere: to obtain a 50% hygrometry level (RH50)
conditioning, samples were put in a conditioning oven at 70°C
and RH63 for 2 weeks and then placed in a unit with a con-
trolled atmosphere at 23°C and RH50 until sorption equilib-
rium was reached. To obtain a 100% hygrometry level
conditioning (RH100), the specimens were immersed in water
at 80°C and weighed periodically until sorption equilibrium
was reached (which took ca. 4 days). The specimen were then
stored in water-tight conditioning. The water intakes at sorption
equilibrium for all materials (referred to the total weight of
material) are listed in Table I.

It is effectively observed that LA and HA additives partly inhibit
global water sorption. However, when referred to the PA6,6
content in the samples, which represents 90 wt % of the additi-
vated materials, the water intake is not significantly affected.
However, as might be expected, introducing ionic moieties in
AISLi increases water sorption.

Characterization Methods

The crystalline ratios of the samples were obtained by Differen-
tial Scanning Calorimetry (DSC) measurements performed at
10°C/min, with AHY, the heat of melting of a 100% crystalline
PAG6, taken as 188.4 J/g for all samples.” Table II shows the
measured crystalline ratios obtained by DSC, referred either to
the total mass of sample or to the effective PA66 mass content.
Table II shows that the overall crystalline ratios of the four
modified polyamides are slightly lower than that of REE. How-
ever, the fraction of PA6,6 moieties is lower in the modified for-
mulations, PA6,6 a priori being the only component of the
formulations which is able to crystallize. Therefore, crystallinity
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indices were corrected to refer to the amount of PA6,6 groups
in each sample. Corrected values are reported in column 3 in
Table II. The corrected crystalline ratios in the copolymer sam-
ples (HIA, AISLI) are relatively similar to that of REF. This
means that introducing 5 mol % aromatic comonomers does
not affect the crystalline fraction of PA6,6 chain segments signif-
icantly. In the case of 10LA and 10HA, it seems that the pres-
ence of the additives slightly increases crystalline ratios (referred
to PA6,6 content), but the values remain close to that of REE.
These results insure that the various samples may be considered
to be comparable as regards their overall crystallinity. However,
for a given crystalline fraction, differences in the crystalline
morphology (number and size of spherulites, crystalline perfec-
tion) may still significantly affect the mechanical properties.

Note also that, if it is assumed that only PA6,6-type monomers
crystallize, both additives and/or phthalic-based comonomers
shall be expelled in the amorphous phase. As a result, the actual
additive or phthalic modifier fraction in the amorphous phase
shall be a little higher than the overall nominal content indi-
cated above.

The molecular mobility of the dry and water-conditioned sam-
ples was assessed by Modulated DSC (MDSC), BDS, and DMA.
MDSC measurements were conducted with a TA Q2000 instru-
ment in the temperature-modulated mode from —50 to 140°C
at 3°C/min with a temperature modulation of =2 °C every 60 s.
The glass transition temperatures T, was taken at the inflexion
point of the heat capacity jump. BDS measurements were per-
formed with a Novocontrol Alpha Analyser and a Quatro tem-
perature control system. 300 um-thick samples were cut in
disks of diameter 2 cm placed in between electrodes, and then
heated from —150 to 200°C with 4°C steps, each temperature
step being scanned at 46 frequencies ranging from 0.01 to 10
Hz. The software WinFit from Novocontrol was used to analyze
DBS data for both the f and « relaxations in all samples as a
function of temperature.

DMA measurements were carried out with a TA Q800 analyzer.
Impact specimens were used to characterize the mechanical
relaxations, using the three-point bending method. The meas-
urements were carried out in a closed furnace. The samples
were cooled down to —150°C and heated up to 200°C at 2°C/
min. The frequency of the applied stress was fixed at 1 Hz. The
value of T, was taken at the inflection point on the drop of the
dynamic elastic modulus E'.

Table II. PA66 Mass-Corrected Crystalline Ratios (XC and XC-PA66,
Respectively) Obtained by DSC in the Dry Samples

Sample Xc (%) Xc-pass (%)
REF 341 34.1
10LA 32.5 36.1
10HA 32.8 36.4
HIA 32.3 34.3
AISLI 30.9 g8.8
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Figure 3. Impact force as a function of time for (a) a PA6,6 sample at room temperature with and without damping silicon grease and (b) PA6,6 sam-
ples at different temperatures highlighting the brittle and tough behavior during Charpy impact tests.

The Young’s modulus E and the yield stress oy of the studied
samples were obtained by tensile experiments carried out with a
Zwick/Roell Z020 machine equipped with a temperature cham-
ber and a laser extensometer. The crosshead speed was set at
Imm/min (¢ =3 X 10~ *s™!) for the first 0.5% of deformation
and at 5mm/min (& =2 X 10> s~ ') further on. Dry samples
only were measured at 23, 45, 60, 90, and 120 °C.

An instrumented Charpy impact setup was used to obtain the
impact strength and the Ty of the dry and water-conditioned
samples.'® The energy of the hammer was 7.52 J and the sam-
ples were hit at a speed Vimpaee = 1 m/s. Samples were notched
with a notch depth of 2 mm and a radius 7,6, =0.1 mm
(which corresponds to a deformation rate Vimpact/ fnoten Of order
of magnitude 10*%™'). A custom-made software was used to
acquire and analyze the obtained impact curves. Impact strength
tests were conducted from —60 to 150°C so as to obtain the
Ty of the studied samples. The samples temperature was esti-
mated to remain roughly constant during the impact tests
(measured loss of 1°C of the sample’s temperature with a ther-
mocouple during the few second testing time). The instru-
mented impact setup measures the impact force as a function
of time. Silicon grease was used as mechanical filter to damp
elastic oscillations during impact, which introduce some noise
in the force signal. Figure 3(a) shows that using silicone grease
yields a disappearance of the impact noise without affecting the
shape of the curve, allowing a better analysis. Furthermore, Fig-
ure 3(b) shows the impact curve shapes obtained at 23, 75, and
120°C for neat PAG6,6, as representative examples. This graph
highlights the evolution of impact curves when going from the
brittle to the tough behavior, which allows obtaining the brittle-
tough transition temperature Ty/;:'® The impact strength (in J/
m?) is defined as the energy used to fracture the material (the
area under the impact force curve), divided by the fracture sur-
face area.

The water conditioning states of the samples were considered to
remain constant during the impact testing. Indeed, samples are
kept 15 min at the set temperature for equilibration prior to
impact testing. The laboratory atmospheric conditions are of a
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controlled temperature (23 °C) and hygrometry (RH50). In the
case of the dry samples, the temperature equilibration time is
too small to induce significant water intake. Concerning the
RH50-conditionned samples, this temperature equilibration
time is also too small to induce a significant loss of water by
the samples. Finally, in the case of the RH100-conditioned
materials, no further water intake or loss is supposed to occur
during temperature conditioning.

RESULTS AND DISCUSSION

Molecular Mobility

The secondary f (rotation of amide functions within the
chains) and main (o or glass transition) relaxations' of the
studied PA6,6 formulations have been characterized by BDS
over broad frequency and temperature ranges. The f transition
was determined by fitting isothermal frequency curves of the
complex  permittivity &* with a Cole-Cole model
&' =¢ +ie" =& +Ae/(1+ (iwtp)™),” in which the exponent m
(0 <m< 1) describes a symmetric broadening of the molecular
relaxation process (related to the relaxation time distribution).**
In the region of the o relaxation, ¢* frequency curves were fitted
with  the  Havriliak-Negami  model  &"=¢+ie"=¢+
Ae/(1+ (iwt,)™)", where n (mn<1) describes a nonsymmetri-
cal broadening of the molecular relaxation process, as is often

the case for glass transition in polymer.**~°

Several issues occur when characterizing relaxations in polya-
mides by BDS. The range in which the permittivity can be fit-
ting to the o relaxation is limited because this relaxation is
accompanied by a strong increase of the sample conductivity.
Alternatively, 7, may be determined from the maximum of the
loss permittivity and/or the loss modulus M*=1/¢* in isochro-
nal curves. Although it is less precise, this method was preferred
because it provides relaxation times over a larger temperature
range. The loss modulus representation is less sensitive to con-
tributions from sample conductivity and gives a well-defined
peak. The values obtained from the loss modulus are shifted (by
about 15-20°C at a given frequency) with respect to the values
obtained from the loss permittivity but allow double checking
of the latter.”
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Figure 4. Molecular relaxation map for the secondary ff and main o relax-
ations for the modified and nonmodified polyamides in the dry state.
Black symbols refer to data for the o relaxation obtained from isothermal
&* frequency curves, white symbols refer to f§ relaxation data obtained in
the same way. Gray symbols refer to a relaxation data obtained from
isochronal dielectric modulus M* curves. Red (resp. blue) symbols are
from DMA data at 1 Hz for the f§ (resp. o) relaxation. The range of typi-
cal deformation rate in Charpy impact tests is highlighted by a dashed
rectangle. [Color figure can be viewed in the online issue, which is avail-
able at wileyonlinelibrary.com.]

However, in the presence of water, care must be taken that the
o relaxation temperature occurs well below water evaporation.
In addition, regarding the f relaxation, it was shown that, in
the presence of water, this relaxation may become complex,
showing two partially overlapping peaks. These peaks have been
tentatively related to motions of bonded amide groups and
motions of water molecules.'**®

The relaxation maps (the log of the frequency as a function of
the inverse temperature) obtained from the analysis of dielectric
spectra measured for all dry samples are shown in Figure 4. The
obtained range of o relaxation measured from isothermal &*
curves is limited due to sample conductivity at low frequency,
as explained before. The o relaxation in AISLI could not be
obtained at all in this way, as the polymer was found to be
highly conductive at high temperatures. This is due to the pres-
ence of ionic lithium sulfate groups (Li* RSO; ) in the polymer
structure (Figure 1). Given that the lithium cation is very labile,
the polymer conductivity increases dramatically with tempera-
ture as polymer chains, and thus the lithium sulfate functions,
gain mobility.

Figure 4 shows that the curves for the o relaxation obtained by
the two methods described above are indeed roughly parallel
but shifted in frequency. When comparing with the data
obtained by DMA at 1 Hz (red and blue symbols in Figure 4),
some differences appear. For the f relaxation, the difference
may be due to the fact that BDS measurements make use of the
permittivity, which is a compliance, whereas mechanical data
are from the modulus G*. The difference then comes from the
difference between relaxation and retardation times. For the o
relaxation, the DMA data correspond well to the extrapolated
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MDSC yields T, values which compare also well to other relaxa-
tion data for the studied formulations, as shown in Table III.
These measurements confirm that the modified formulations
indeed have different molecular mobility states.

Table IV shows the temperature of the f and o relaxations at 1
Hz in all samples, conditioned dry, at RH50 and at RH100.
Both relaxation processes are strongly affected by water intake.
The f relaxation temperatures were measured by DMA, specifi-
cally for water-conditioned samples. Indeed, it has been shown
that multiple dielectric relaxation processes appear in the region
of the f§ relaxation in the presence of water. These processes
have been attributed to the motions of water molecules forming
hydrogen bonds with amid groups, as well as to the reorienta-
tion of amide groups themselves.'””® Thus, we consider that it
is preferable to consider the f relaxation measured by DMA, as
being representative of a process related to the polymer mobility
itself.

Tensile Properties

The yield stress oy and the Young’s modulus E were determined
from tensile measurements conducted at different temperatures.
The different samples were compared at a given state of molec-
ular mobility that was defined by the temperature difference
between the T, and the tensile experiment temperature (T —
Tg). Results are shown in Figures 5 and 6. oy’s values are
reported at temperatures below T, only, since above T, the
materials do not show a properly defined yield stress. Con-
versely, a Young’s modulus can still be defined close to and
slightly above Tg, even though the polymer starts to behave as a
viscoelastic material.

Table IV. Temperatures of o and f§ Relaxation Processes Measured by
DMA at 1 Hz at Different Water Conditioning

Ty (°C) T, (°C)
Sample Dry RH50 RH100 Dry RH50 RH100
REF -625 -795 -974 71 199 -155
10LA -60.7 -734 -815 684 219 -150
10HA -654 -798 -999 73 291 -17.8
HIA -60.8 -789 -990 75 296 -12,0
AISLI -63 -781 -1025 885 352 -184

J. APPL. POLYM. SCI. 2016, DOI: 10.1002/APP.43457
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Figure 5. Yield stress oy below T, plotted as a function of T— T, (same
molecular mobility) for dry samples. The dashed line corresponds to the
linear fit oy =-0.78(T-T,)+41.4.

Figure 5 shows that there is a clear correlation between the yield
stress values oy and the molecular mobility for all the studied
PA6,6-based materials over a wide range of molecular mobility
states. In other words, this would mean that the yield stress oy
for any of the studied samples has a similar value at the same
state of molecular mobility. However, oy values are relatively
scattered, due to experimental uncertainties. Note however that
in semicrystalline materials, the yield stress is very sensitive to
the crystalline morphology, and one may perhaps infer a general
tendency of the data for AISLI, which is slightly less crystalline
(see Table II), to be roughly 5 MPa below the data for other
samples.

The measured Young’s moduli E were then plotted as a function of
T — T, (same state of molecular mobility) as shown in Figure 6.

As seen in Figure 6 the Young’s moduli E considered at a given
molecular mobility state can differ significantly from one for-
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Figure 6. Young’s moduli E as a function of T— T, (same molecular
mobility) for dry samples.
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T— T, (same molecular mobility) for dry samples.

mulation having a different molecular mobility state to another,
the variation of the molecular mobility being linked to the
chemical structure of the samples. However, all studied formula-
tions have relatively similar Young’s modulus curves, and it is
difficult to discriminate a general trend in the differences
between these curves. The drop of Young’s modulus for AISLI
seems to extend over a temperature range broader than for
other samples. The drop in the dynamic elastic modulus F
associated to the o relaxation process measured by DMA plotted
in Figure 7 shows as well a similar trend for all samples, with a
somehow broader temperature variation for AISLIL. This differ-
ence might be the signature of the variation of the intermolecu-
lar interactions within PA6,6 chains induced by the presence of
PA6AISLi comonomers in the neat matrix.

Impact Strength Properties

Impact strength tests were conducted on dry and water-
conditioned reference and modified materials as described in
the experimental section. Figure 8 shows the impact strength J
as a function of temperature (brittle-tough transition curves)
for the five studied formulae in the (a) dry, (b) RH50, and (c)
RHI100 conditioning states respectively. In all cases, the curves
show a well-defined transition from brittle failure at low tem-
perature, where the impact strength (or resilience) is of order Jy
=~ 2 to 5 kJ/m?, to ductile behavior at high temperature, where
the impact strength (referred to the actual fracture surface cre-
ated in the sample (samples do not break completely in this
regime) is of order J, = 60 kJ/m?. To determine precisely the
brittle-tough transition temperatures Ty the curves were
adjusted to a sigmoidal shape J(T)=Jo+(Jx-l)/ (1+exp
((TB/T—T) / wo)). Examples of such adjustements are shown in
Figure 8(a). Note that prior to reach the transition temperature
on the low temperature side, the impact strength increases pro-
gressively from 2-5 to 10-15 kJ/m? within a temperature range
of about 25°C. This increase may be due to increased ability of
the material to dissipate energy, as will be discussed below. The
general shapes of the curves are qualitatively similar for all sam-
ples and all water conditioning states. The main difference lies
in the transition temperature. The T/ values for the studied
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Figure 8. Brittle-tough transition curves at (a) the dry state, (b) RH50-
conditioning, and (c) RH100-conditioning. In Graph (a), curves in
between points for REF, 10LA, and AISLI samples are sigmoidal adjust-
ments of data.

materials in the dry state and conditioned at RH50 and RH100,
determined from the inflexion points in the curves shown in
Figure 8, are reported in Table V.
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Table V. Ty Transition Temperatures (in °C) Obtained in the Dry State,
RH50-, and RH100-Conditioning for the Studied Materials

Formulation Dry RH50 RH100
REF-I 88 36 -17
10LA-I 65 18 -22
10HA-I 87 32 -5
HIA-| 86 36 -12
AISLI-I 118 47 -12
DISCUSSION

Different mechanisms may occur as a crack propagates, for
example, during impact tests. These mechanisms depend on the
temperature and mobility state of the polymer. We are thus
interested on the relationship between molecular mobility and
impact strength properties. It is known that the secondary
relaxations have an important impact on the brittle-tough
behavior of fully amorphous polymers (i.e., the Tg, lies
between the T, and the foremost secondary relaxation)."* How-
ever, in semi-cristalline materials, the brittle-tough transition
depends mostly on the T, as the polymer can still maintain a
certain level of mechanical properties beyond the glass transi-
tion since the cristallites act as material reinforcements. Thus,
we shall investigate here the relationship between the brittle-
tough transition and the relaxation processes. The brittle-tough
transition temperatures Ty determined from the curves in Fig-
ure 8 are plotted as a function of the T, in Figure 9 for the dif-
ferent samples that were either dry or conditioned at different
hygrometry levels.

Figure 9 shows that the Tp,r’s of all the samples seem to follow
a linear relationship as a function of the T,s of all the materials
and conditioning states, which would mean that, for a given
polyamide sample, its brittle-tough transition depends directly
on its molecular mobility state as determined by its o or glass

120 T T T T T T
® REF & Dry .
100~ e 10LA ¢ RH50 P
A 10HA O RH100
v HIA -
80~ m AlSLI A\
= 10°C F% Ter
O =T, (10°H) 7 )
BT T la i g

i = 20°C

e

_40 i ! | ! | ! 1
-40 0 40 80
T, (c) - DBG

Figure 9. Ty,r plotted as a function of T, for the modified and nonmodi-
fied polyamides (dry, RH50, and RH100).
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transition temperature. However, the Tpy/’s are very far away
from Ty as illustrated in Figures 10 and 11. Indeed, it is
observed in Figure 4 that at a frequency of 10* Hz, correspond-
ing to the estimated order of magnitude of the deformation rate
in Charpy impact tests, the sample Tp,r ‘s seem to be closer to
T, (ca. 90 to 100°C) than to Ty (ca. 10°C) at this same fre-
quency. This result agrees very well with the relationship
between T, and Ty, shown above. Nevertheless, a contribution
from the [ relaxation on the increase of impact resistance,
which is observed prior to the onset of brittle-tough transition
(see Figure 8) cannot be excluded.

It is observed that the Tp/r values are higher than the T, values,
with an average upward shift of 15°C between the Tp,rand the
T,. This upward shift could be explained by the fact that impact
tests are performed at high deformation rates (of the order of
10* s7'). Instead of comparing Ty values to Ty (as mesured
by DSC) or to T, (as measured by DMA at 1 Hz), it should
perhaps be compared to the T, measured at a frequency of
order 10* Hz, comparable to the effective deformation rate in
impact tests. As explained above, due to difficulties inherent to
BDS measurements in the presence of water, it was not possible
to obtain reliable values of T, at 10* Hz for all samples at all
humidity conditioning conditions. It is observed in Figure 4
that shifting the frequency from 1 to 10* Hz rouhgly shifts T,
by about 25°C, which semiquantitatively seems to correspond
to the observed difference between Tg/rand T,

On the more fundamental side, the nature of the glass transition
in polymers, in relation to the onset of molecular mobility, is still
an actively debated subject.’” Specifically, recent experimental
works have shown how the molecular mobility is affected by
stress, thus leading to a decrease of T, in the presence of
stress.”® ™0 Specifically, the yield stress behavior, characterized by
the onset of flow beyond a certain stress level, has been inter-
preted as due to this plasticization effect (decrease of T,) under
stress. Altogether, the results presented here, specifically in Figure
9, indicate that the large scale mobility in the amorphous phase
provided by the onset of glass transition, is necessary to observe
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Figure 10. Ty,r plotted as a function of Ty measured by DMA at 1 Hz for
the reference and modified polyamides (dry, RH50 and RH100).
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Figure 11. Comparison of the brittle-tough transition temperature Tp/r
with the glass transition temperature T, and the f8 transition temperature,
for the different mobility states obtained by varying the water condition-
ing. The cross locates the value of Ty measured by BDS at 10* Hz, with
its hypothetical variation with water conditioning indicated by a dashed-
dotted line.

the onset of locally ductile fracture behavior which corresponds
to the brittle-tough transition in impact tests.

CONCLUSION

In this work, the impact strength properties of a series of semi-
crystalline PA6,6-based polymers were studied by using instru-
mented Charpy impact tests on a broad temperature range. The
impact strength properties were studied in the dry and water-
conditioned polymers at 50 and 100% humidity. Water condition-
ing induces large changes in the molecular mobility of the amor-
phous phase of the materials, as reflected in the large variation of
the T, of the materials. The brittle-tough transition temperatures
Tp/r were compared with the Tgs. It was observed that there is a
linear dependence of T/ with T, which means that for the stud-
ied semicrystalline polyamides 6,6-based materials, their brittle-
tough transition depends directly on their large-scale molecular
mobility state. Furthermore it was observed that there was a tem-
perature shift upwards between the T, and the Tp; because
impact strength tests are carried out at high deformation rates and
should be compared with the T, or T, at this loading frequency.
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